Recent advances in spherical nanoindentation protocols have proven very useful for capturing the grain-scale mechanical response of different metals. This is achieved by converting the load-displacement response into an effective indentation stressstrain response which reveals latent information such as the elastic-plastic transition or indentation yield strength and work-hardening behavior and subsequently correlating the response with the material structure (e.g., crystal orientation) at the indentation site. Using these protocols, we systematically study and quantify the microscale mechanical effects of He, W, and He ? W ion irradiation on commercially pure, polycrystalline tungsten. The indentation stress-strain response is correlated with the crystal orientation from electron backscatter diffraction, the defect structure from transmission electron microscopy micrographs, and the stopping range of ions in matter calculations of displacement damage and He concentration. He-implanted grains show a much higher indentation yield strength and saturation stress compared to W-ion-irradiated grains for the same displacement damage. There is also good agreement between the dispersed barrier hardening model with a barrier strength of 0.5-0.8 and void models (Bacon-Kochs-Scattergood and Osetsky-Bacon models) with the experimentally observed changes in indentation strength due to the presence of He bubbles. This finding indicates that a high density (* 9 9 10 23 m -3
Introduction
Tungsten is one of the materials chosen for fusion reactors to protect other components from the high flux of thermal shock and high flux of particle bombardment (a.k.a. first wall material, plasma facing material, material for divertor) in addition to the high flux of neutron irradiation [1] [2] [3] [4] [5] . Hence, understanding and predicting how it will perform under the extreme conditions of a fusion reactor is important. Radiation damage by neutrons causes a number of types of crystalline defects (e.g., dislocation loops, helium bubbles) which lead to an increase in strength and loss in ductility and/or toughness [4, 6] . Besides atomic displacement damage in the tungsten lattice, the effect of helium, as a result of prolific helium production in tungsten by fast neutrons in the fusion environment, becomes a more significant radiation damage problem than in fission reactors [5] . Thus, understanding the effect of He as well as potential synergistic effects between displacement damage and He on the mechanical properties of tungsten becomes critically important.
Experiments approximating the effects of neutron radiation damage on material microstructure can be quickly performed with ion beam accelerators [6] [7] [8] . The irradiated material from ion beam experiments is typically to a depth on the order of a few microns or less which poses a significant challenge for mechanical testing. This requires small-scale mechanical testing such as nanoindentation, micropillar compression, and micro-cantilever beam bending (e.g., [8] [9] [10] [11] [12] [13] [14] [15] ). Micropillar compression and micro-cantilever beam bending protocols rely on focused ion beam (FIB) milling to fabricate nano-microscale specimens which entails a significant investment of time and specialized facilities. In contrast, nanoindentation is automated, high-throughput (many tests in a short period of time), and requires only a fraction of the investment of facilities. However, the typical approach of distilling nanoindentation tests into hardness and modulus measurements provides less prized information than a uniaxial stress-strain curve (e.g., from a micropillar compression or tension test). More valuable information potentially exists in nanoindentation tests, particularly when using spherical probes for which an effective stress-strain response can be determined from the measured load, displacement, and stiffness data [16] [17] [18] [19] [20] . The protocols for extracting indentation stress-strain curves are rooted in the seminal works of Hertz [21, 22] and Tabor [23] . There have been many refinements in both the instrumentation and analyses for making indentation stress-strain measurements since Tabor's 1951 paper. Most notably, the protocol developed by Kalidindi and Pathak [18, 24, 25] has been shown to provide a physically meaningful effective stress-strain response by using robust strategies for the determination of the zero-point (initial contact) and the computation of indentation stress and strain measures. This protocol has been used successfully to study a variety of materials at multiple length scales [26] [27] [28] [29] [30] [31] [32] .
The protocols for extracting material properties and/or model parameters from indentation stressstrain measurements for [18] have also been developed through modeling and inverse approaches [33] [34] [35] [36] . The extraction of material properties from indentation stress-strain curves as opposed to indentation load-displacement curves is arguably a significant improvement in procedure since the initial elastic loading, elastic-plastic transition, and hardening behavior are clearly visible in the indentation stress-strain curve. This information is otherwise invisible in the load-displacement response making it difficult to evaluate the model accuracy through matching the load-displacement response. Recent work has also shown the potential of these indentation stress-strain protocols for characterizing structural gradients below the sample surface, specifically in He ion implanted tungsten [26] .
This investigation extends the previous study [26] in an effort to answer some of the outstanding questions about the mechanical behavior of He irradiated tungsten: (1) What is the microstructure (types and morphology of defects) of the irradiated layer? (2) What are the roles of the different defects present in the resulting mechanical behavior of the material? (3) What is the effect of crystal orientation on the mechanical response of the irradiated material? These questions will be answered by systematically characterizing He, W, and He plus W (He ? W) ion-irradiated polycrystalline tungsten through spherical nanoindentation of single grains and careful transmission electron microscopy (TEM) of the irradiated layer. Different hardening models will be explored to estimate the barrier strength of the primary defects in the irradiated layer from the experimental measurements obtained in this study.
Materials and methods
Commercially pure polycrystalline tungsten was annealed at 1500°C for three days and metallographically prepared with a final step of electropolishing using a chilled sodium hydroxide solution at 8 V for 1 min. The average grain size of the sample measured by electron backscatter diffraction (EBSD) was 35 lm (grain size range 10-60 lm) [26] . Figure 1a shows the four regions of a single polycrystalline tungsten sample which were created by masking and subsequent ion beam irradiation. The annealed (e-polish) condition was characterized prior to ion beam irradiation; however, it also exists in one of the quadrants in the final sample for future characterization. He implantation was performed first, followed by W-ion irradiation creating regions with solely He and solely W irradiation and one region containing both He and W (first He and then W, He ? W) irradiation. Helium ion implantation and tungsten ion irradiation, both at room temperature, were performed on a 200 kV Danfysik Research Implanter and a 3MV Pelletron Tandem Ion Accelerator, respectively, at the Ion Beam Materials Laboratory (IBML) at Los Alamos National Laboratory (LANL). Multiple voltages and fluences were used to create a box-like profile of displacement damage of 0.5 dpa and He concentration of * 1.5 at.% starting from the highest energy: 200 keV at 2.0E16 ions cm -2 , 150 keV at 4.0E15 ions cm -2 , 100 keV at 8.0E15 ions cm -2 , and 50 keV at 7.2E15 ions cm -2 . The same boxlike profile of displacement damage of 0.5 dpa was created for W irradiation starting from the lowest energy: 1. Indentation was performed on an MTS XP NanoIndenter with continuous stiffness measurement (CSM) in the Center for Integrated Nanotechnologies (CINT) at LANL. Sphero-conical diamond indenters with nominal tip radii of 1, 10, and 100 microns were used to characterize the material before and after irradiation. The use of spherical indenters with different radii presents an important advantage-to systematically study responses at different material volumetric or length scales by simply varying the indenter radii in order to study the heterogeneous damage gradient caused by irradiation. The 100-lm tip is particularly useful for determining the indentation strength of the annealed material because smaller indenter tips produce large pop-ins [32, [38] [39] [40] . The 1 and 10 micron radius tips were useful for determining the local strength of the irradiated material at different depths corresponding approximately to about 1/10-1/20 of the indenter tip radius. This is especially important since the irradiated layer thickness was limited to about 0.5 lm. A constant loading rate divided by the load of 0.05 s -1 was used to a maximum indentation depth of * 300 nm for all indenter sizes. CSM was obtained at 2 nm displacement amplitude and 45 Hz. Arrays of indents were carefully placed inside grains as shown in Fig. 1c . Indents that fell too close to grain boundaries were ignored. The load (P), displacement (h), and CSM stiffness (S) were converted to indentation stress (r ind ) and indentation strain (e ind ) according to Eqs. (1) (2) (3) [18] where the contact radius (a) is determined from the CSM stiffness and the effective modulus (E eff ). See the supplemental material for more details.
Additionally a diamond Berkovich (pyramidal) tip was used to indent up to a depth of 600 nm. The same method was used: strain rate of 0.05 s -1 with CSM at 2 nm displacement amplitude and 45 Hz frequency. The tip area function and frame stiffness were calibrated from indents on fused silica up to 2,000 nm displacement, and the modulus and hardness were determined in accordance with the OliverPharr method [41] . A Poisson's ratio of 0.3 was assumed for tungsten in the calculation of Young's modulus from nanoindentation data.
SEM (FEI XL30 and Inspect microscopes) and EBSD (EDAX Digiview camera) were used to place indents and confirm their locations (indentation site orientation). TEM (FEI Tecnai F30) was used to observe and quantify the defects in the irradiated layer. Figure 2 shows representative TEM micrographs of the dislocation loops and He bubbles in the irradiated layer for the He ? W region. The apparent depth of damage goes to approximately 800 nm; the uniform damaged region is between 200 and 700 nm, and the He bubbles end at a depth of * 500 nm. This is slightly deeper than the SRIM calculated profiles in Fig. 1d-f . In the uniformly damaged region, the helium bubble density and diameter determined in the underfocus imaging condition [42] were * 8.5 9 10 23 m -3 and * 1.1 nm for He-implanted tungsten (He) and * 9.1 9 10 23 m -3 and * 1.1 nm for He-implanted and W-irradiated tungsten (He ? W). Thus, the He bubble size and density did not change significantly between the He-implanted and He ? W regions. The average dislocation loop density and diameter were determined to be * 3 9 10 23 m -3 and * 3 nm on the He ? W region.
These dislocation loops have 1 2 111 110 f g character. TEM foil thickness was measured by electron energy loss spectroscopy (EELS). Dislocation loops could be seen in the He-implanted region as well, and we assume they are also present in the W-irradiated region. However, they were not quantified in these regions. It will be shown later that the dominant defect on the indentation response is from the He bubbles for these irradiation conditions.
Theory Physical interpretation of indentation stress-strain measurements
The indentation stress-strain response is highly sensitive to the salient attributes of the averaged structure in the indentation zone such as the crystal orientation, dislocation density. The crystal orientation plays an important role due to the orientation of slip systems with respect to the loading direction in both cubic [28, 32] and hexagonal [27, 29] crystals. After accounting for crystal orientation effects, an J Mater Sci (2018) 53:5296-5316 increase in the indentation yield strength between an annealed sample and a deformed or irradiated sample can be attributed to changes in the defect density (e.g., dislocation density) in the deformed or irradiated sample [28, 32] . In prior work, it was demonstrated that the indentation yield strength measurement is sensitive enough to capture the dislocation density differences in grain boundary regions compared to in-grain regions in plastically deformed samples [43, 44] .
In cubic metals, it is reasonable to assume a single value of slip resistance for all slip systems operating in the indentation zone. With this simplification, the equations relating changes in the critical resolved shear stress,s crss , to changes in the indentation yield strength, Y ind , and dislocation density, q, can be expressed as follows:
where g is the crystal orientation, d represents some amount of bulk deformation, and M is similar to a Taylor factor for indentation. Since the indentation Taylor factor is not easily computed (needs a sophisticated finite element simulation of indentation using crystal plasticity theories), a percentage change in indentation yield strength or critical resolved shear stress has been reported in previous studies [28, 32, 44, 45] . The equations presented above will be used in this work for interpreting changes in indentation yield strength in irradiated materials. In the present work, d would represent an irradiation dose rather than bulk deformation. For irradiated materials, there are also various models to estimate s crss for different types of defects, which would modify Eq. (5). These are described in Sect. 3.2.
It is helpful to try to establish relationships between indentation and uniaxial tests so that indentation testing can be used as a surrogate to uniaxial testing. Our understanding of the static mechanical behavior of most materials is primarily based on uniaxial stress-strain curves. There is inherently some uncertainty in converting indentation properties to uniaxial properties (e.g., strength) because the deformation processes are very different. One can only seek to reduce this uncertainty through rigorous protocols. It is common practice to measure hardness and convert to uniaxial yield strength by dividing by a factor of * 3 [46, 47] . The factor can be more precisely determined through careful experiments or simulations for a particular class of materials (e.g., [48] ); however, there is a high degree of uncertainty in this practice. This is due to the fact that hardness corresponds to a plastic flow stress well past the yield point. Thus, converting hardness to uniaxial yield strength requires an extrapolation over a potentially large section of the material response. It is wiser to try to establish the indentation stress at the early stage of plastic deformation under the indenter and relate this to uniaxial yield strength. This has been done with simulations [33, 35] and experiments [30] using the indentation stress-strain protocols described in section [18] . For isotropic materials whose plasticity can be described by J 2 flow theory, the indentation yield strength, Y ind , is approximately twice the uniaxial yield strength, r ys , [33] .
More work is required to develop the theory for anisotropic materials and more complex material models [15, 49] ; however, experiments show that the isotropic factor of 2 is still a reasonable approximation for more complex materials [31] .
One final consideration must be made in interpreting the indentation stress-strain response: the indenter size effect (ISE). For spherical indenters, the ISE refers to (1) discrete displacement or strain bursts (for a load-controlled test) at low indentation depths, more commonly known as pop-ins in nanoindentation, and (2) an apparent increase in the indentation stress (i.e., hardness) as the indenter radius decreases, a 'smaller is stronger' effect. Unlike sharp pyramidal indenters (e.g., Berkovich and cube corner) [50] , popins for spherical indenters are manifested not through the depth of penetration but rather through the radius of the sphere [51] . Thus, large pop-ins have been observed for smaller indenter radii, with the pop-in size decreasing for larger indenters [52] . Our results show a similar trend (Figs. 3 and 4 and Ref. [26] ). In our tests on annealed tungsten, the largest indentation strain burst is seen for the smaller indenter tip radii of 1 lm; the burst size decreases for larger 10 lm indenter radius, while the pop-in completely disappears for the largest 100 lm indenter radius [53, 54] . Note that none of the measurements in the irradiated sample revealed any pop-ins. This effect is discussed later.
Many studies have also reported a second ISE for spherical indenters [50-52, 55, 56] where the refrain 'smaller is stronger' holds true (i.e., the indentation stresses appear to increase as the indenter radius decreases). The indentation stress-strain protocols employed in this work have not shown any evidence of an indenter size effect on the indentation yield strength of single grains for metals that deform primarily by slip [29, 32, 57] . Similar trends showing a consistent indentation stress-strain response for indenters of different sizes have also been reported by others [58] . The definition of indentation yield strength is such that it disregards pop-in events which clearly show a dependence on the indenter size [38] [39] [40] . This is because the goal is to measure the strength of a small volume of material that is not dislocation starved. More precisely, if a large pop-in occurs, the indentation yield strength cannot be reliably determined; however, for small pop-ins, the indentation yield strength can be determined from back-extrapolating the portion of stress-strain response after the pop-in event to a 0.2% strain offset [29, 32, 57] . Indentation work hardening has been less rigorously studied, and it is not clear what the effects of indenter size are, particularly in deformed materials [32, 57] . Once a significant volume of material under the indenter yields, the effect of the strain gradient (possible cause for indentation and indenter size effects on hardness [50, 51, 55, 56] ) may become more prevalent. Phase transformation and twinning are additional deformation mechanisms known to show size effects; and these have been observed in indentation experiments [27, 59, 60] . However, these do not occur in tungsten at room temperature under the imposed loading conditions which deforms by dislocation slip. Thus, in this work we can freely compare indentation strength measurements from different indenter sizes (1-100 lm radii) inside single grains as long as pop-ins do not obscure the indentation yield point. More specifically, the indentation yield strength on the annealed tungsten is determined from a 100-lm-radius tip in order to measure the strength at a length scale that is not dislocation starved, and 1-10-lm-radii tips are used to measure the strength of the irradiated layer. The irradiated layer is not dislocation starved even for the smallest tip due to the high density of dislocation sources after radiation damage and requires smaller tip sizes in order to separate out the response of the irradiated layer from the unirradiated material below. The ISE on the indentation yield strengths observed in the irradiated material in this work will be shown to primarily relate to the structure (e.g., depth of damage) of the irradiated layer.
Hardening models for radiation damage
Various models exist to predict the critical resolved shear stress, s, required for plastic deformation for different types of defects, which are typically determined by calculating the force required to move a perfect line defect through an array of defects. Four models, with varying sets of assumptions, are used here to predict the increase in slip resistance due to defects caused by radiation damage: the dispersed barrier hardening (DBH) model [61] , the FriedelKroupa-Hirsch (FKH) model [62, 63] , the BaconKocks-Scattergood (BKS) model [64, 65] , and the recent work by Osetsky and Bacon (OB) [66] . These are expressed below: Poisson's ratio [67] . The DBH and OS models have empirical factors which vary based on the defect type [66, 68] . The barrier strength in Eq. (8), a: 0 \ a B 1, takes a value of 1 for an impenetrable barrier. The empirical factor in Eq. (10) is D ¼ 0:77 for Orowan hardening and D ¼ 1:52 for voids [66] .
Since the indentation Taylor factor in Eq. (4) cannot be easily calculated, the shear strengths from Eqs. (8) (9) (10) (11) are converted to uniaxial strengths using an average uniaxial Taylor factor of M = 3.06 (r ys = Ms crss ). Equation (7) can then be used to convert the predicted uniaxial strengths to indentation yield strengths. Note that these predictions are not grainscale predictions since the conversion factors (Taylor and constraint factors) used are for an average crystal or isotropic response. Thus, the predictions will be compared with the average (over many orientations) response. We are also assuming that the defect densities for the defects generated during irradiation were zero or insignificant in the starting material. A simple superposition rule (Ds total ¼ ffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffi ffi
summing the contributions of each Ds will be used [65, 69] for the combined effect of two types of defects.
Results
Indentation stress-strain response of annealed condition
Representative indentation stress-strain curves obtained on the annealed sample using a 100-lmradius indenter are shown in Fig. 3a . As mentioned earlier, the larger indenter size is required to avoid large pop-in events, which obscure the determination of the indentation yield point. Note that this information is critically needed for the interpretation of the indentation measurements on the irradiated samples. There is a measurable difference in the indentation yield strengths in the annealed sample between grains near (100) orientation and (111) orientation (* 27% increase); however, the difference in response at larger strains becomes almost indistinguishable. The measured trend in the indentation yield strength with crystal orientation is shown as an inverse pole figure contour plot, Fig. 3b . The trend in indentation yield strength is similar to that reported in Fe-3%Si [28] ; however, the variance between grains with similar orientations is quite large compared to the average trend. For example, grains with crystal directions within * 10 degrees of the (100), It is believed that the large variance for similar orientations and the overlapping response at higher strains for different orientations are due to the relatively large indenter size compared to the grain size. The average contact diameters (width of the primary indentation zone) at yield and at a strain offset of 1% are * 2.4 and * 5 lm, respectively, compared to the average grain size of 35 lm. This means there is a high chance of having some tests with grain neighbors influencing the response due to grain boundaries which run close to parallel with the surface and/or grains which end at shallow depths (\ 5 lm) below the surface. The electropolishing also preferentially etches the grain boundaries as shown in Fig. 3c and e. This creates even less area with a flat surface for 100-lm indents. More profiles of Fig. 3c are shown in the supplementary information which further illustrates this point. In fact about 75% of tests using the 100-lm indenter were discarded for landing too close to grain boundaries, poor initial contact due to unknown surface disparities (e.g., curvature, roughness), machine error, sudden changes in slope in the load-displacement curve, etc. For these reasons, there is a high degree of uncertainty, represented by the standard deviation, in the indentation yield strength, and even greater skepticism in the post yield response (overlapping response for (100) and (111) crystals). However, we are fairly confident in the trend and averages in the indentation yield strength since a large number of measurements (69 tests) were made, and there is good agreement with the trend for a-Fe [28] . These indentation strength measurements will be used to describe the unirradiated indentation strength for comparison with irradiated regions.
Effect of ion species on the indentation stress-strain response
Since the irradiated layer is limited to the first 800 nm of the sample, 1-10-lm-radius indenters are required to determine the indentation properties of the iondamaged region. This was demonstrated in our previous work (Pathak et al. [26] ) for the He-implanted tungsten region. Figure 4 shows representative indentation stress-strain curves for 1-and 10-lm-radius indenters for all four regions for grains close to the (100) crystal direction. The y-axis of Fig. 4a is purposely chosen to focus on the irradiated condition and not the pop-in which has been cutoff in this plot. There are four important observations that can be made from Fig. 4 : (1) He-implanted tungsten exhibits higher plastic flow strengths compared to W-irradiated tungsten, (2) there is no significant difference between the indentation response of the He and He ? W regions despite twice the dpa damage for the He ? W compared to the He region, (3) the 1-lm indenter response is very similar for all irradiated conditions up to * 5% indentation strain, (4) 1-and 10-lm indenters show different responses for the same irradiated material, and (5) pop-ins are no longer prevalent in the irradiated material. Each of these is discussed in more detail below. First, helium-implanted tungsten (He) exhibits higher plastic flow strengths compared to tungsten irradiated tungsten (W). This conclusion is reached by comparing the saturation indentation stresses in the 1-lm indenter test and the indentation yield strengths in the 10-lm indenter test. This is despite the fact that these two regions exhibited the same SRIM calculated displacement damage. This observation suggests that He bubbles play a more dominant role in the mechanical response compared to just dislocation loops. Qualitatively similar results have been seen in Refs. [12, 70] , where hardness increases resulting from He implantation into tungsten were more pronounced than self-ion or Fe 3? ion irradiations.
Second, indentation tests in He-implanted, W-irradiated (He ? W) region show the same response as the He-implanted (He) region. This is surprising given the fact that the dpa damage across all depths is two times higher at * 1.0 dpa in the He ? W region compared to the * 0.5 dpa in the He region. TEM showed that the bubble size and densities are identical in the two regions meaning that the additional 0.5 dpa from W ions following 0.5 dpa from He ions did not affect the He bubble barrier strength. Rather the additional 0.5 dpa likely changed the dislocation loop morphology, increasing the loop density. Thus, small changes in dislocation loop morphology after He implantation appear to have little effect on the indentation response.
Third, the 1-lm indenter response is very similar for all irradiated conditions up to * 5% indentation strain. In order to understand this observation, the structure of the irradiated layer must be carefully considered in conjunction with the primary indentation zone as suggested by Pathak et al. [26] . The primary indentation zone is approximated as a cylinder with diameter of two times the contact radius and height of 2.4 times the contact radius. This zone represents the volume where most of the stress and strain imposed by the indenter is contained [18, 35] . For all 1-lm indenter tests on the irradiated regions, the contact radius at yield was * 30 nm; the contact radius at strain offsets (using the indentation modulus) of 2, 6, and 15% indentation strain was * 40, 100, and 400 nm, respectively. As seen from the SRIM calculated He concentration profile in Fig. 1e and f, there is less He in the first 100 nm of depth of the transition region as compared to the uniformly irradiated layer where the He concentration in tungsten was estimated to be the highest (100-400 nm depth). Given the surface effect on interstitial migration, it is rather difficult to reliably measure the differences in He content in the first 100 nm. Thus, we will rely on the SRIM calculated profile (less He concentration in the first 50 nm of depth) to infer that the implanted He inside the primary indentation zone up to a 2% indentation strain offset does not contribute significantly to the mechanical response. This would explain why the 1-lm indentation stress-strain curves behave nearly the same for all irradiated conditions up to a 2% indentation strain offset. Once the primary indentation zone spills into the constant irradiated layer (6% indentation strain offset) and constant He concentrated layer, the responses of He-implanted regions (He and He ? W) separate from just W-irradiated tungsten (W). The primary indentation zone up to an indentation strain offset of 15% is mainly within the constant irradiated layer.
Fourth, the 10-lm indenter response shows differences from the 1-lm indenter response for the same irradiated material which can again be explained by considering the evolution of the primary indentation zone (contact radius) with respect to the structure of the irradiated layer. For example, the 10-lm indents on He-implanted regions (He and He ? W) have higher indentation yield strengths (* 6 GPa) than their counterpart 1 lm tests (* 4.25 GPa). This suggests that the indentation zone for the 10-lm indents at yield experiences a larger concentration of Hebased obstacles to plasticity than the 1-lm indents. This is also evident from the contact radius at yield for the 10-lm indents, which is around 300 nm and well within the region of constant-dpa and He concentration. This is further evidence that the depleted region in the He concentration profile in the first 50 nm is important to consider in interpreting the response. At larger indentation strains, softening occurs in the 10 lm radius indenter response of the He irradiated regions (He and He ? W) that does not occur in the 1-lm-radius indenter tests. This softening occurs in the 10 lm radius tests at a strain offset of * 2% and contact radius of 575 nm. Clearly from SRIM and TEM, the primary indentation zone has spilled into He-free material and eventually damagefree material ([ 800 nm). The contact radius at the end of the tests is * 1.4 lm. It therefore makes sense that the indentation stress would drop since this material (unirradiated) is not as hard as the irradiated layers. Similar strain softening has been reported by others for tests using spherical indenters [58] .
Last, it is clear that the pop-ins that were prevalent in the unirradiated (annealed) material have disappeared. There may be some small pop-in events for the 1-lm indenter in the W-irradiated tungsten (W) case, but their size is significantly reduced to the point that it is difficult to clearly identify them as pop-ins. No pop-ins were observed for all 10-lm indenter tests on W-irradiated tungsten and for 1-and 10-lm indenter tests on the He-implanted regions (He and He ? W). The general understanding of pop-in events during nanoindentation in metals (which do not twin or have stress/strain-induced phase transformations) is that they relate to the difficulty or ease of activating a dislocation source in the volume of material probed [38-40, 71, 72] . It is possible to probe volumes that are starved of sources with small indenter tips, and the stress required to generate a source can be very high even approaching the theoretical shear stress for a perfect crystal [38] [39] [40] . In the irradiated material, there are plenty of ion-implantation-generated defects (dislocation loops and He bubbles) which can potentially serve to activate dislocation sources eliminating the need to generate a source, as reported by numerous indentation studies on ion-irradiated materials [13, 70, 73, 74] . Thus, it is not surprising that there are practically no pop-ins in the irradiated material.
Crystal orientation effects on the indentation stress-strain response of the irradiated material
One of the advantages of spherical nanoindentation protocols is that many grain orientations can be tested in a high-throughput manner. As discussed earlier, these experiments are analogous to single crystal experiments; however, the stress and strain under the indenter is highly heterogeneous. In spite of this heterogeneity, the indentation response shows a strong dependence on the grain orientation in cubic and hexagonal metals (discussed in Sect. 3.1). This was seen in the indentation yield strength measurements in the unirradiated (annealed) material despite the difficulty in making reliable measurements on small grains (relative to the indenter size). This difficulty is significantly mitigated with the 10-and 1-lm-radius indenters because the contact radii are significantly smaller than the 100 lm tests and grain sizes. Figure 5 shows the grain orientations that were tested for each irradiated region for two indenter sizes (1 and 10 lm radii) that were near the three poles (i.e., (100), (101), and (111) ind ) present in the unirradiated material is no longer apparent in the irradiated material. This is true for other definitions of indentation stress (i.e., 10 lm peak stress, 1 lm saturation stress). Representative indentation stress-strain curves for each pole are shown in the supplementary information which also show that the stress-strain response for each indenter size and irradiated region are indistinguishable. The irradiated material appears to behave more plastically isotropic than the unirradiated material. There is a level of uncertainty in this observation as seen by the large error bars in most cases. These error bars relate both to the large spread of orientations seen in the IPF maps (Figs. 5b,  c) as well as the inherent scatter of the nanoindentation measurements. In other words, some orientation trend could exist that would be unresolvable because of the variance in the measurements. Additional work is clearly required to study the grain orientation effects in the irradiated samples.
Hardening predictions for He bubbles and dislocation loops
One of the main goals of this study was to investigate mechanical response of tungsten to a high fluence of implanted He with respect to the displacement damage particularly important for fusion reactor materials. In these experiments, we want to know the plastic flow strength of the constant irradiated/implanted region. For this goal, the He-depleted region \ 50 nm presents a challenge. Reliably removing this top layer would be challenging without inducing additional damage (e.g., chemical, ion, mechanical). Therefore, there is some uncertainty in the measured indentation strength of the constant irradiated/implanted region. We will assume the bounded estimates for the constant He-implanted layer strength are given by the 0.2% strain offset indentation yield strength from the 10-lm indenter tests (possibly under estimates due to the top depleted layer) and the saturation stress from 1-lm indenter tests (possibly overestimates if the material significantly work hardens). The strength of the W-irradiated tungsten region is less affected by the diminished displacement damage region at the surface (similar yield strengths for 1-and 10-lm-radius indenters); however, we will use the same measurement strategy to describe the estimated bounds for its plastic flow strength for now and attempt to understand which one is a better choice.
The strength measurements for all four regions averaged over all three orientation groups (near (100), (101), and (111)) are listed in Table 1 . Using the equations in Sect. 3 with the measurements from TEM, the predicted increase in the indentation strength, DY ind , of the irradiated materials is compared graphically against indentation strength measurements in Fig. 6 . This comparison is broken up into two cases: dislocation loops (W-irradiated region, Fig. 6a ) and He bubbles (He-implanted and He ? W regions, Fig. 6b ). The predictions for the W-irradiated region are based on the dislocation loop measurements for the He ? W region (density of 3 9 10 23 m -3 and diameter of 3 nm). The actual density in the W-irradiated region is likely less since it has half the displacement damage of the He ? W, but the loop measurements are still a good approximation. The measurements for He and He ? W are shown on the same plot (Fig. 6b) since there was no significant difference between them. In Fig. 6b , two predictions are calculated to compare with He and He ? W indentation measurements: one using only the He bubbles (density of 9.0 9 10 23 m -3 and diameter of 1.1 nm) ignoring the contribution from dislocation loops and one using a superposition of He bubbles and dislocation loops using the loop measurements for the He ? W region (density of 3 9 10 23 m -3 and diameter of 3 nm). It is clear that the dislocation loops do not play a significant role in the change in indentation yield stress due to their lower density, slightly larger size, and lower barrier strength compared to the He bubbles. Figure 6 can be used to determine which indentation stress measurements (i.e., 10 lm radius 0.2% yield point, 10-lm-radius peak stress, 1-lm-radius saturation stress) and hardening models are more approximate for the different irradiated regions/defects. For the first case (Fig. 6a) , just dislocation loops, it becomes pretty clear that the 1 lm saturation stress (listed in Table 1 ) is an unreasonable measure of the constant irradiated layer strength because it far exceeds any reasonable predictions. In other words, the stress reflects a significant amount of work hardening. Thus, it was not included in Fig. 6a . Using the 1 and 10 lm indentation 0.2% yield strengths, the DBH model with a weak to moderate barrier strength coefficient (a = 0.1-0.3) provides an estimate close to the average. This barrier strength coefficient is reasonable based on the reported values in the literature [68, 75] . It is difficult to rule out or select the best model since all the predictions are within the error bars of the measurements. For He bubbles (Fig. 6b) , it is less clear if the 1 lm saturation stress or 10 lm 0.2% yield strength is a better measure of the constant implanted/irradiated region. Therefore, both will be used as bounds (the true value is likely to lie somewhere between them). It is clear that the FKH model can be definitively eliminated for predicting the increase in indentation yield strength for He bubbles in these experiments, while the DBH model (a = 0.5) and OB model for voids (D ¼ 1:52) provide estimates closest to the middle of the range.
Discussion
The primary observation from Figs. 4, 5 and 6 was that the He-implanted tungsten had higher plastic flow strengths than W-irradiated tungsten for the same displacement damage, and He-implanted tungsten had the same plastic flow strengths as He ? W-irradiated tungsten for the same displacement damage. The discussion below is aimed at understanding these results by exploring different hardening models which provide predictions based on the defect types/barrier strengths and morphologies. These are undoubtedly different for He bubbles and dislocation loops and likely the reason for the observations in plastic flow strengths for He, W, and He ? W irradiation. In addition, the merits of spherical nanoindentation stress-strain protocols for studying ion-irradiated materials will be discussed.
Appropriate hardening models for helium bubbles
Other experimental studies have typically reported small bubbles as weak to moderate obstacles using the FKH model or DBH model with a barrier strength of * 0.2 [68, 76, 77] . However, there are also reports [78] [79] [80] that have found that the hardening due to He bubbles is better described by the model proposed by Osetsky and Bacon [66] . One possible reason for the range (weak versus strong barrier) reported in literature for He bubbles could be that describing the morphology with just the average values (e.g., diameter) is not sufficient. Sobie et al. [65] evaluated the DBH and BKS models using dislocation dynamics models for a variety of void morphologies and found that the BKS model provided accurate and consistent predictions using average values (e.g., diameter, spacing, etc.) while the DBH model could not. In other words, there was a linear relationship between predicted and simulated hardening for a range of void morphologies for the BKS model. Similarly, Sobie et al. [65] showed that the FKH model was also insensitive to differences in morphology that were not captured in the average values for self-intestinal atom loops. Therefore, the discrepancy in literature is not likely due to morphology differences when using the BKS model (and likely the OS model given their similarities) and FKH model. It also seems unlikely that morphological differences could explain significant differences (0.2 compared to 0.5 barrier strength) for the DBH model. Another potential reason for the discrepancy in literature about hardening due to bubbles could be that the hardening is dependent on the He concentration to displacement damage ratio or something similar. One source of evidence to support this comes from simulations that have shown He-vacancy clusters, not observable with TEM, are likely to form and contribute significantly to the hardening [81] [82] [83] [84] , and the hardening from the clusters increases with an increasing ratio of helium atoms to vacancies [81] . Hardening due to He-vacancy clusters is supported by experimental observations of an increase in hardness despite no observations of bubbles [12] . Note in the case where bubbles are observed, it is unlikely that a large number of the He-vacancy clusters still exist since they are probable nucleation sites and/or absorbed by other bubbles. It is possible the hardening dependency on the He to vacancy ratio observed for clusters plays a role for small bubbles as well. Additionally, Trinkaus and Singh [85] have pointed out that there appears to be a critical He concentration below which hardening is less significant, and this critical point is dependent on different implantation factors (e.g., He concentration to dpa ratio, dose rate). Therefore, it seems likely that the discrepancy from the literature on the hardening due to He bubbles is due to the varying amounts of He concentration with respect to the displacement W-irradiated tungsten. The empirical factor for the loops was equal to the bubbles for the OB superposition prediction, and the empirical factor listed for the DBH prediction corresponds to the bubbles only. (A value of 0.3 was used for loops in these cases.) DY ind is calculated as the difference between each conditionindenter size and the unirradiated, 100-lm-radius indenter yield strength. See Table 1 for a list of the indentation measurements.
damage. For example, the ratio of He concentration to displacement damage in this study is * 1.5-3.0 at.%/ dpa, while for most studies it is ( 1 at.% per dpa. The models that provide the best predictions of the indentation yield strength of the constant implanted layer are based on modeling voids or Orowan hardening behavior (BKS and OS) or require an empirical factor representative of moderate to high barrier strength (DBH). Therefore, He bubbles in these experiments (high concentrations, small size, and room temperature) represent moderate to strong barriers to dislocation slip. Models which predict when He bubbles will be weak or strong barriers are still required to unify the body of the literature on this subject. Selecting a single model for He bubbles from those explored is too complicated at present due to the uncertainty in the plastic flow strength of the constant irradiated layer and potentially missing physics from the models themselves based on discrepancies across literature. 
Nanomechanical test protocols for studying ion-irradiated materials
Similar studies have also reported significant increases in the strength of He-implanted tungsten compared to W-irradiated tungsten using nanomechanical test protocols [11-13, 75, 86] . Hardie et al. [87] critically evaluated nanoindentation using the Oliver-Pharr method [41, 88] for different tip geometries (i.e., Berkovich, cube corner, and spherical) for making meaningful property measurements (e.g., hardness and modulus) from a small irradiated layer at the surface on Fe12%Cr. As a comparison between spherical and Berkovich nanoindentation, we also performed Berkovich nanoindentation using the Oliver-Pharr method [41] shown in Fig. 7 . From Hardie et al. [87] , we estimate the plastic zones under the Berkovich tip to be primarily within the constant irradiated layer up to a depth of 100 nm displacement. A more accurate estimate requires cross-sectional TEM under indents for each condition. The average hardness of the irradiated layer (Fig. 7f) was estimated as the maximum value between 100 and 200 nm displacement. There are three main similarities between the hardness and spherical indentation data: He-implanted conditions (He and He ? W) have similar hardness values, both give higher peak hardness than W-irradiated condition, and at larger depths the hardness values start to converge to the unirradiated material. Trying to estimate the strength of the constant irradiated layer requires a deconvolution of the indentation size effect, He concentration gradient, plastic zone size evolution, work hardening, etc. It becomes apparent that the interpretation of the hardness versus displacement data is very complex. Other researchers have argued that indenting perpendicular to the damage gradient is best practice because the material probed has a constant amount of damage with indentation depth (no gradients in the indentation direction and no unirradiated material at larger depths) [89] . Reliable measurements certainly become less tedious (a well-polished sharp edge is still required); however, it is not very practical for He-implanted surfaces which typically go less than micron in depth.
Lastly, there is a long legacy of hardness (nano and micro) measurements for nuclear reactor materials with empirical correlations to uniaxial properties; however, there is potentially more information contained in the indentation stress-strain response as presented in this work. The indentation stress-strain curve potentially provides a more rigorous experimental measurement compared to load-displacement or hardness-displacement curves for calibrating existing models in the literature (e.g., [90, 91] ). One drawback of indentation measurements is that they do not directly give rise to estimates of changes in ductility to irradiation hardening. Thus, other nanomechanical tests such as micropillars, microtensile, and micro-cantilever beam bending are still required to understand changes in ductility in ionirradiated layers.
Conclusions
This work employed novel spherical nanoindentation stress-strain protocols with careful characterization of the structure at the indentation site to reliably measure the mechanical effects of radiation damage from He implantation and W irradiation. There are multiple conclusions that can be drawn from this study:
1. Spherical nanoindentation stress-strain measurements showed higher plastic flow strengths for He-implanted tungsten (6.3-10.3 GPa) than W-irradiated tungsten (3.4 GPa) for the same displacement damage of 0.5 dpa at room temperature. Hardening calculations based on TEM measurements of the He bubbles and dislocation loops are in good agreement with this observation. 2. Spherical nanoindentation stress-strain measurements showed the same plastic flow strengths for He-implanted tungsten (6.3-10.3 GPa) as He ? W-irradiated tungsten (5.7-10.3 GPa) despite the differences in displacement damage (0.5 dpa for He and 1.0 dpa for He ? W). Hardening calculations based on TEM measurements of the He bubbles and dislocation loops are also in good agreement with this observation showing the contribution from dislocation loops (the additional 0.5 dpa in the He ? W compared to just He) is not significant. 3. The defect structure of 1.0 dpa He ? W irradiation in tungsten at room temperature resulted in a bubble density and diameter of * 9. The large range in the barrier strength for He bubbles reflects the uncertainty in the plastic flow strength of the constant irradiated layer primarily due to the gradient in He concentration/damage. While the uncertainty in the barrier strength of the loops is primarily due to the uncertainty in indentation measurements on the annealed, unirradiated and irradiated material for a relatively small change in indentation strength. 5. The BKS, OS, and DBH models provide good predictions of the changes in the indentation yield strength due to dislocation loops and He bubbles. The FKH model provides a poor prediction for the change in yield strength due to the He bubbles. 6. Grain orientation effects on the indentations stress-strain response become less significant in the irradiated material compared to the annealed, unirradiated material.
